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the main concerns of any atomistic simulation that needs to be seriously considered in order to 
obtain reliable results. In this study, we investigated the mechanical response and the deformation 
mechanisms of nanocrystalline Al under uniaxial loading by molecular dynamics (MD) simulations 
with different embedded atom method (EAM) interatomic potentials. The selection of potential has 
a significant influence on the simulation result, and the reliability of these potentials was evaluated 
based on the available experimental data in the literature. In the elastic stage, the stress-strain 
response and Young’s modulus of the simulated samples varied with different potentials. Three 
independent elastic constants of single crystal Al were used to predict the isotropic elastic modulus 
of the polycrystal Al sample. In the plastic stage, multiple grain boundary (GB) induced deformation 
mechanisms were observed, including GB migration, intergranular fracture, dislocation nucleation 
from GB, and deformation twinning. The generalized stacking fault energies of Al were calculated 
by MD simulation using different potentials, and their effects on the dislocation nucleation and 
deformation twinning mechanisms were discussed. This work signifies the important role of GBs 
play in nanocrystalline metals during plastic deformation and highlights the significance of using 
the appropriate interatomic potential for a specific simulation problem. 
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Nanomaterials have demonstrated many unique mechanical, chemical and physical properties 
which have attracted wide attention in the past few decades. Nanocrystalline metals usually exhibit 
ultra-high strength, superior hardness and enhanced wear resistance due to the nanoscale and 
interface effect [1-5]. Because of their excellent mechanical properties and the great potential for 
engineering applications, a large effort has been devoted to investigating the relationship between 
their structures, mechanical response and deformation mechanisms [6-9]. However, the atomic scale 
is an area hardly accessible experimentally since the extreme small grain size leads to additional 
difficulties to observe the deformation details on the nanometer scale by means of experiment. 
Facilitated by rapid increases in computational power, atomistic simulations are served as a useful 
tool for analyzing and predicting various fundamental static and dynamic properties of materials. 
For example, the first-principles calculation is considered as the most accurate theoretical method 
of investigating the properties of materials at the atomic level. However, it is insufficient to study 
the dynamic behaviors because the size (or the number of atoms) it can deal with is very limited. 
Molecular dynamics (MD) simulation based on semi-empirical interatomic potential can usually 
simulate millions or up to billion of atoms [10]. Therefore, it was used extensively to study the 
mechanical properties of materials, and great progress has been made in simulating and 
understanding deformation mechanisms [5, 11, 12]. Also, recent post-processing technologies such 
as the visualization tools [13, 14] and the sophisticated structure identification methods [15, 16] 
have improved considerably in recent years, providing more information on the atomic scale. 
MD simulation is described by interatomic potential (or force field) that used to model the 
interactions of the atoms in the simulation. Therefore, the selection of interatomic potential has a 
crucial impact on the simulation result, that is, the reliability of simulations dependent entirely on 
the reality and accuracy of the selected potential. Many interatomic potentials have been developed 
for metallic materials and their alloys, and the most widely used in MD simulations is the embedded 
atom method (EAM) [17, 18]. Also, the modified embedded atom method (MEAM) was developed 
by considering the directionality of bonding [19]. More information can be referenced to the 
websites of NIST Interatomic Potentials Repository (NIST-IPR) [20, 21] and the Knowledgebase of 
Interatomic Models (OpenKIM) [22], which provide different types of interatomic potential for 
various materials. To accurately simulate the deformation behavior of the metallic materials, the 
selected potential should be able to correctly reproduce various fundamental physical properties of 
relevant elements in pure metals or multicomponent alloys. For example, the elastic constants reflect 
the mechanical response of materials in the elastic deformation stage, which have a significant 
influence on their yield strength [23]. The stacking fault energy plays a critical role in the 
deformation properties of materials in the stage of plastic deformation [24-26]. The stacking fault 
energy can affect phenomena such as the formation of perfect or partial dislocations, the ability of 
a dislocation to cross slip, and the formation of deformation twins, all of which have an important 
impact on the strength and toughness of nanostructured metals. It was realized that there is often 
more than one potential describing any given material. For examples, we can find dozens of 
interatomic potentials which are designed for the simulation of Al and its alloys [21, 22]. Since 
different interatomic potentials may give discrepant results for the same problem [20], it is important 
for users to choose the appropriate one to perform their desired simulations. 
In this study, we take Al as an example to investigate its mechanical response and deformation 




two main purposes of this work. Firstly, we studied GB-induced deformation mechanisms in 
nanocrystalline Al. When the grain sizes are reduced to the nanometer scale, the traditional 
deformation mechanisms based on lattice dislocation are replaced gradually by GB mediated 
processes [24]. These GB-induced mechanisms are extensively reported and discussed in this study. 
Secondly, we examined different interatomic potentials of Al and evaluated these potentials by 
comparing the simulation results and the available experimental result. The article is organized as 
follows. Section 2 introduces model construction and the simulation methods. Section 3 reports the 
mechanical responses of nanocrystalline Al with different interatomic potentials. In section 4, 
different GB-induced mechanisms in the stage of plastic deformation are presented. We discuss the 
simulation results in section 5 and conclude the work in section 6. 
2. Simulation method 
The nanocrystalline Al sample with a columnar grain structure was created using the Voronoi 
construction procedure. The simulation sample contains six grains and they are rotated around the 
[001]/z axis with particular misorientation angles. Therefore, all the GBs in the sample are flat and 
have a tilt character. The distribution of the grain seeds was artificially controlled in order to obtain 
a uniform grain size. The dimensions of the simulation box were set to 486 Å, 486 Å, and 81 Å 
along the x, y, and z directions, respectively. Periodic boundary conditions were applied in all 
directions. The total number of atoms is about 1,200,000, and the average grain size is 22.4 nm. The 
simulation sample generated by the Voronoi method usually leads to the overlap of adjacent grains, 
which contain atoms that are physically too close in the boundary area. Followed the previous 
method that was used to construct the bicrystal model [27], we defined a critical distance to delete 
the atoms with an unphysically short distance from others and ensure that the first nearest neighbor 
atoms are not found within the cutoff distance. The initial configuration of the simulation sample 
was shown in Fig.1(a), where atoms are colored according to their common neighbor analysis (CNA) 
value. The blue atoms represent the fcc atoms inside the grain, and the red atoms represent the GBs 
between the grains. To highlight the GB structure, fcc atoms were removed and viewed along the 
axis of rotation. The misorientation angles of the 16 GBs in the nanocrystalline sample were 
indicated, as shown in Fig.1(b). 
To obtain the equilibrium structure of the GBs, the initial sample was equilibrated by an energy 
minimization procedure with a standard conjugate-gradient algorithm at 0 K, as shown in Fig.1(c) 
and (d). For clear expression, GBs were indicated as GBnm in the following work, where n and m 
are the indexed numbers of any two neighbored grains. Due to the symmetry of fcc lattice, GB with 
misorientation angle close to 0° or 90° was referred to the low-angle GB around the <100> tilt axis; 
this is the case for GB23 (θ=4°), GB56 (θ=14.3°), GB35 (θ=16.6°), and GB14 (θ=73.4°). The discrete 
and continuous lines of GB atoms in the energy-minimized sample represent low-angle and high-
angle GBs respectively. The system was annealed at 300 K for 100 ps in isobaric-isothermal (NPT) 
ensemble to achieve a zero pressure in all directions before loading. During dynamic tension, a 
uniaxial tensile strain was applied by continuously scaling the atomic coordinates and box size along 
x- or y-direction with a constant strain rate of 5×108 s-1, while the pressure in the other two directions 
were kept at zero. The simulation temperature was maintained at 300 K and an integration time step 
was set as 1 fs throughout the simulations. Simulations were performed using the parallel molecular 





To highlight the influence of the interatomic potential on the simulation results, different EAM 
and MEAM basis interatomic potentials for Al and Al alloy were examined [29-38]. EAM potentials 
are widely used in the MD simulations for metals and their alloys. There are many different EAM 
based interatomic potentials developed or optimized for a given element by considering its 
mechanical, chemical or physical properties. In addition, we noticed that while potentials developed 
for a single element can reflect some properties of the element very well, it may not be suitable for 
simulating other characteristics. For example, the potential of Al developed by Ercolessi and Adams 
[39] can show an excellent thermal and surface properties of Al, but it cannot accurately describe 
the stacking fault energy of Al; this potential was modified in their later work by using a slightly 
larger cut-off [40]. On the other hand, some interatomic potentials designed for the alloy system can 
well express the properties of the individual component. For example, the potentials developed by 
Mishin et al. for Ni-Al [33], Ti-Al [34] alloy systems (indexed as P5 and P6 in the follows) were 
constructed by the cross-interaction of the pure Al, Ni and Ti potentials. Therefore, they can 
reproduce the optimized fitting parameters and the relevant properties of each single component. To 
verify this, we have compared the Ni-Al, Ti-Al alloy potentials with the single Al potential [41] 
which is also developed by Mishin et al., both of which give the very similar simulation results. 
Therefore, some potentials which are designed for the description of Al alloy are also examined in 
this study. All the tested potentials were downloaded from the database of NIST-IPR [21], and some 
of their computed properties are listed in Table-1. 
 
Fig.1 The nanocrystalline Al sample with six grains (G1~G6), the average grain size is 22.4 nm. (a) The initial 
configuration of simulation sample, (b) fcc atoms are removed in (a) and viewed along z-direction. (c) The 
equilibrium configuration of simulation sample after system minimization, (d) fcc atoms are removed in (c) and 
viewed along z-direction. Atoms are colored according to the common neighbor analysis (CNA), where the blue 
atoms represent the fcc atoms inside the grain, and the red atoms represent the GBs between the grains. 
Table 1. The interatomic potentials (P1~P10) of Al used in this study and their computed properties, including 
cohesive energy (Ecoh), lattice constant (a0), and elastic constants (C11,C12, and C44). The data are referenced from 






Potential name Ecoh (eV) a0 (Å) C11 (GPa) C12 (GPa) C44 (GPa) 
P1 [29] AlU.meam 3.3600 4.0500 113.5 61.6 45.4 
P2 [30] Jelinek_2012_meam.alsimgcufe 3.3530 4.0500 110.53 60.90 28.39 
P3 [31] Al1.eam.fs 3.4107 4.0453 105.09 59.46 30.66 
P4 [32] Al-Mg.eam.fs 3.4107 4.0453 110.18 61.37 32.56 
P5 [33] NiAl.eam.alloy 3.3600 4.0500 116.81 60.11 31.66 
P6 [34] Zope-Ti-Al-2003.eam.alloy 3.3600 4.0500 116.81 60.11 31.66 
P7 [35] alpb-setfl.eam.alloy 3.3593 4.0310 107.91 56.91 32.86 
P8 [36] Al.set 3.5800 4.0502 112.28 63.80 30.93 
P9 [37] Al_wkg_MSMSE_2009.set 2.6460 4.0248 113.76 61.71 31.25 
P10 [38] AlCu.eam.alloy 3.3183 4.0498 90.15 70.73 33.16 
Exp.[42]    107.3 60.08 28.3 
 
3. Mechanical response 
Fig.2 shows the stress-strain response of the nanocrystalline Al sample under uniaxial tension at 300 
K with different interatomic potentials (P1~P10). It is found that some of the potentials have similar 
mechanical responses, while the stress responses of other potentials are quite different in both elastic 
and plastic deformation stages. In general, the stress first increases with the applied tensile strain 
until it reaches the maximum stress, after which the stress drops and then fluctuates around a mean 
value. Visualization of the MD result indicates that the onset of plastic deformation corresponds to 
dislocation nucleation and GB related activities, and it occurs at a strain very close to the maximum 
stress. Therefore, we defined the maximum tensile stress as the yield stress in this study. The stress 
curve reaches a stable stage after 15% strain, so the average stress in the strain interval from 15% 
to 40% deformation is defined as the flow stress. 
The Young’s modulus (E) for each studied case is obtained from the linear portion of its 
corresponding stress-strain between 0 and 0.5% strain. The calculated values of Young’s modulus 
by different potentials are plotted in Fig.3(a). We compared the result from MD simulation with the 
experimental data. The elastic properties of cubic single crystal can be characterized in terms of 
three independent elastic stiffness constants (C11, C12, and C44). The values of the three constants 
for single crystal of Al by experiment measurement at 300 K are 107.3 GPa, 60.08 GPa, and 28.3 
GPa respectively [42]. The anisotropic single-crystal elastic constants can be converted into 
isotropic polycrystalline elastic modulus by using the Voigt-Reuss-Hill approximation [43]. This 
approach combines the upper and lower bounds by assuming the average of values obtained through 
the Voigt and Reuss averaging methods [44]. Specifically, the upper bound (Voigt) of shear modulus 























Therefore, the Young’s modulus (E) can be calculated by the shear modulus (G) and Bulk modulus 





From the above equations, the estimated Young’s modulus for polycrystal Al is 70.8 GPa. We note 
that the values obtained from simulations are generally smaller than the predicted value from the 
experiment data, as shown in Fig.3(a). This is mainly due to the microstructure of nanocrystalline 
metals, in which the volume fraction of GBs is significantly increased by nanoscale grains. The less 
ordered structure of GBs led to the decrease of the elastic modulus of the bulk material. The model 
size and the limited grain numbers of the simulation sample may also result in the deviation from 
the predicted value based on the macroscopic experiment. As a further note, while most of the 
potentials gave similar values of Young’s modulus, ranging from 57.8 GPa to 66.04 GPa, there are 
two clear outliers (P8 and P10). Obviously, the two potentials can not accurately show the 
mechanical properties of nanocrystalline Al. 

















































































































Fig.2 Stress-strain curve of nanocrystal Al samples under uniaxial tension along x-direction (a-b) and y-direction (c-
d). For each loading direction, the stress-strain curves by different interatomic potentials are divided into two groups 




The yield stress, yield strain, and flow stress of the nanocrystal Al sample with different potentials 
are plotted in Fig.3(b) to 3(d), respectively. As expected, the lower Young’s modulus obtained by 
P8 and P10 resulted in the lower yield stress of the simulation sample. The flow stress shows a 
similar trend as the yield stress except for the P3 and P4 cases, and the P1 case in y-direction. The 
flow stress value of zero indicates a brittle fracture of the sample during the dynamic tension. The 
yield strain represents the onset of the plastic deformation, which was achieved when dislocation 
and some GB associated mechanisms were activated. The detail information will be presented in 
the next section. From the simulation results, it is clear to see that different potentials, for what is 
nominally the same material, can show distinct mechanical responses. 




















































































































Fig.3 Stress-strain response of nanocrystal Al samples with different interatomic potentials (P1~P10). (a) Young’s 
modulus, (b) yield stress, (c) yield strain, and (d) flow stress. The error bar in (d) indicates the maximum and 
minimum stress of the stress flow between 15% to 40% strain. 
4. Deformation mechanisms 
Dislocation generation via Frank-Read sources in conventional coarse-grained metals is 
significantly hampered or even completely suppressed when the grain size decreases to the order of 
10 nm in metallic nanomaterials [3]. We note that the ~20 nm grain size in this study is still too 
small to support dislocation multiplication through Frank-Read source type mechanisms. Therefore, 
the conventional deformation mechanisms based on nucleation and movement of lattice dislocation 
are replaced by GB mediated processes. Fig.4 and Fig.5 show the MD simulation snapshots of the 
nanocrystalline Al samples after 40% tensile deformation along x- and y-direction using different 
interatomic potentials. It was found that the simulation results varied with the applied potentials, 




including the ‘pure’ GB mechanisms by the motion of GBs themselves and the dislocation activities 
that associated to GBs. Some typical GB-mediated mechanisms are presented in the follows. 
 
Fig.4 Snapshots of nanocrystal Al sample after 40% tensile deformation along x-direction by different interatomic 
potentials. (a)-(f) corresponds to the result from the potentials of P1, P2, P3, P5, P9 and P10. Atoms are colored 
according to their CNA values. The atoms with fcc structure are colored in dark blue; GBs and dislocation cores are 
colored in red. The atoms with hcp structure are colored in light blue, a single layer of hcp atoms represents twin 
boundary, and the continuous hcp atom layers represents the stacking fault. The white solid lines highlight the grain 
size of G3, and the white dotted lines in (f) indicate the sub-GBs in G3 that generated by the movement and 
intersection of dislocations. 
4.1 GB migration 
Experimental observations and computer simulations have shown that stress-induced GB migration 
is an important phenomenon that initiates plastic deformation of grains [45-49]. For example, a 
significant grain growth mediated by GBs migration during tensile tests at the high stress was 
observed in nanocrystalline Al film at room temperature [50]. In our simulations, GB migration has 
been observed in several cases with different interatomic potentials. We first compare the results in 
the cases of P5, P9, and P10. The GB network did not change essentially after 40% deformation in 
P5 case, each grain was just elongated along the tensile direction, as shown in Fig.4(d) and Fig.5(d). 
However, in the cases of P9 and P10, GB13 and GB35 moved towards the outside of G3 under x-
tension and moved in an opposite direction under y-tension, resulting in the expansion or shrink of 
G3 and the surrounding grains. For clarity, the grain size of G3 is circled by the white solid lines in 
the figures. 
The local GB network has been changed as the migration of GBs. For instance, there are two 
triple junctions which indexed ‘A’ and ‘B’ in Fig.4(d), which were initially surrounded by grains of 
G1-G4-G5 and G1-G3-G5 and connected by GB15. After the migration of GB13 and GB35, GB15 has 
disappeared and the triple junctions A and B have now changed to C and D which surrounded by 
G1-G3-G4 and G3-G4-G5 and connected by GB34, as shown in Fig.4(e). On the other hand, more 
obvious migration of GB13 and GB34 under tension was observed in the case of P1. The fast 
movement of GB34 led to the significant growth of G3 and the complete disappearance of G5, as 




migration. This is different from previous MD simulations of bicrystal Al samples, where the [001] 
tilt GBs can maintain a flat boundary plane during the migration process [51-54]. The difference is 
that in the current polycrystal sample, each grain is embedded in the surrounding grains and the 
adjacent GBs are connected to form a triple junction structure. While the middle segment of GB34 
can move freely under stress, the migration at both ends of GB34 was impeded by the triple junctions, 
leading to the bending of the entire boundary. In addition, it was noted that a crack was nucleated at 
GB56 during tension along x-direction. Since a substantial grain growth is usually observed in 
regions with high local stresses, the fast migration of GB35 may be facilitated by the adjacent crack 
tip which serves as an effective stress concentration. 
 
Fig.5 Snapshots of nanocrystal Al sample after 40% tensile deformation along y-direction by different interatomic 
potentials. (a)-(f) corresponds to the result from the potentials of P1, P2, P3, P5, P9 and P10. Atoms are colored in 
the same manner as Fig.4. 
4.2 Intergranular fracture 
Compared with the bulk phase in grain interiors, the GBs have low atomic density and weak 
interatomic bonds. Therefore, cracks tend to nucleate and grow at GBs under external loading if 
other deformation mechanisms were not involved or these mechanisms cannot play an effective role 
in accommodating system stress. In this study, cracks were observed during deformation under x- 
and y-tension in the P1, P3, and P4 cases. Fig.6(a) shows the nucleation and evolution of cracks in 
the simulation sample with P3 potential under x-tension. In Fig.6(a1), the first crack ‘a’ was 
observed at GB56 at about 6% strain, and two embryo cracks b and c were observed at GB35 and 




of GB12. Meanwhile, cracks b and c were dilated, and the other two cracks d and e appeared at GB35, 
as shown in Fig.6(a2). The crack tip of c propagated rapidly along GB13, and other cracks also 
expanded with additional tensile strain. Eventually, all the independent cracks connected together 
which led to the formation of the main brittle crack, as shown in Fig.6(a3) and (a4). The formation 
of cracks in the P1 case under y-tension is shown in Fig.6(b). In a similar way, the cracks first 
appeared on the boundaries which are perpendicular to the loading direction, i.e. crack a at GB15 
and crack b at GB46. Then, cracks c, d and e were nucleated at GB13 and GB34 in succession. The 
propagation and coalescence of numerous intergranular cracks led to the overall fracture of the 
sample. In Fig.6, dislocations were rarely observed during the deformation, and the samples 
exhibited a brittle fracture mode. The intergranular fracture corresponds to the sharp decrease of 
tensile stress to a zero stress level in Fig.3. 
It is worth noting that crack was nucleated at GB56 in the P1 case under x-tension. However, the 
growth of crack was suppressed, and the size of crack remains limited after 40% tensile strain (see 
Fig.4a). The different tensile responses and the crack behaviors between P1 and P3 under x-tension 
can be ascribed to the migration of GB35. Specifically, the crack nucleation at GB56 and the migration 
of GB34 have mutual interactions. The high-stress field around crack tips promoted the movement 
of GB34 under loading. On the other hand, GB migration played a significant role in accommodating 
the system stress and releasing the stress concentration at GB, which is not conducive to the crack 
propagation at GB. Also, the migration of GB34 in the vicinity of the crack at GB56 blocked the way 
of crack propagation along the nearby GBs. Therefore, crack growth was hindered by substantial 
crack blunting, which thereby gives the material higher toughness in the P1 case under x-tension. 
 
Fig.6 Snapshots of nanocrystal Al sample at different deformation stages in the case of P3 potential under x-tension 
(a), and in the case of P1 potential under y-tension (b). Atoms are colored according to their potential energies. 
4.3 Dislocation nucleation from GB 
Partial dislocation emission from grain boundaries plays a major role during deformation when the 
grain size decreases [55-60]. This mechanism was well represented in the simulations of 




study is a dislocation-free system, and all the dislocations observed during deformation are 
exclusively emitted from the GBs or the triple junctions. Fig.7 shows the scenarios of dislocation 
emission at the early plastic stage under x-tension in the cases of P5, P7, P9, and P10. The structural 
defects and their evolution during the deformation was identified by the CNA value. In Fig.7(a1), 
the initial dislocation nucleation was observed at about 5% deformation in the P5 case. A number 
of leading Shockley partial dislocations (L1, L2, and L3) were emitted near the G3-G4-G6 and G3-
G5-G6 triple junctions, leaving an intrinsic stacking fault behind where the dislocations swept. With 
the increase of tensile strain, extended dislocations were formed in G5 and G6, i.e. the trailing 
Shockley partial dislocations (T1 and T2) were nucleated on the same slip plane and reduced the 
stacking fault that created previously by the leading partials, as shown in Fig.7(a2). The extended 
dislocations slipped inside of the grains as the strain build up, and the distance of stacking fault 
between the leading and trailing partials was reduced. When the dislocations crossed the entire grain, 
they interacted with the GBs on the other side and were eventually absorbed by the GBs, leaving no 
dislocations to accumulate inside the grain, as shown in G5 and G6 in Fig.7(a3) and (a4). 
The results obtained by P7 and P9 potentials are similar to the case of P5. In the early stage of 
plastic deformation, dislocations were nucleated from one GB and absorbed by another. However, 
in the case of P9, the leading partials and trailing partials were emitted from GBs almost 
simultaneously when the critical stress has been reached. Therefore, staking faults were hardly 
observed during the deformation process, as shown in Fig.7(b). In contrast, the slip activation took 
place at a smaller strain level in the case of P7, and the splitting distance between the leading and 
trailing partials is larger than the former two cases, as shown in Fig.7(c). Nevertheless, the 
nucleation and propagation of the extended dislocations are the dominant deformation mechanisms 
to accommodate the system stress in the cases of P5, P7and P9. The slip and interactions of 
dislocations inside the grain contributed to the stress flow at the plastic stage. On the other hand, a 
distinct different scenario was observed in the case of P10, where only the leading partial 
dislocations were observed during tension, the nucleation of trailing partial was not observed even 
at a high tensile strain. Therefore, the leading partials produced stacking faults across the grains, as 
shown in Fig.7(d). The distance between the leading and trailing partials depends mainly on stacking 






Fig.7 Snapshots of nanocrystal Al sample in the early stage of plastic deformation under x-tension by different 
interatomic potentials. (a)-(b) corresponds to the results from the potentials of P5 and P9, (c)-(d) from the potentials 
of P7 and P10. Atoms are colored in the same manner as Fig.4, and the fcc atoms are removed. 
4.4 Deformation twinning 
Twinning was found an important deformation mechanism in metallic materials with low stacking 
fault energy [61], but twinning was rarely reported in the coarse-grained metals with a high stacking 
fault energy (e.g. Al). However, deformation twins were observed experimentally in nanocrystalline 
Al [62-64], which was regarded as a unique deformation mechanism that is different from its coarse-
grained counterpart. In the present study, deformation twins were observed in G4 of the simulation 
sample in the case of P2 under x- and y-tension. Particularly, in the case of P10, a high density of 
deformation twins was observed in almost every grain. Since GBs become the primary source for 
the emission of partial dislocations at the nanometer scale, they are considered to be the primary 
mechanism for the formation of deformation twins in nanocrystalline Al. 
Fig.8 shows the nucleation and growth of twins in G4 under tension in x-direction by P2. In 




were nucleated from GB46 and GB24, respectively. The two dislocations slipped in opposite 
directions on the adjacent slip planes and created intrinsic stacking faults behind them. When they 
encountered and slipped across, the two sets of intrinsic stacking faults have one layer of atoms 
overlapped which generated an extrinsic stacking fault, or namely a twinning of one atomic layer, 
as shown in Fig.8(b) and (c). We can see that the slip of a partial dislocation leaving behind a 
stacking fault is the first step to the nucleation of deformation twins. Moreover, once twins were 
nucleated, they are very easy to grow by the nucleation and slip of new dislocations. For example, 
another Shockley partial dislocation with Burger’s vector b=1/6[21̅1] was emitted from GB34 at 
about 14.6% tensile strain. When the new dislocation slipped on the adjacent plane of the previous 
twin, it led to the twin migration for one atomic layer, and thus increasing the twin distance 
accordingly, as shown in Fig.8(d) and (e). The surrounding GBs provided continuous nucleation 
source for the subsequent partial dislocations, leading to a further widening of the twinning region. 
In Fig.8(f), the distance between twins has increased to 4 atomic layers. The process of nucleation 
and growth of deformation twins was illustrated by the ‘ABCABC’ stacking sequences. 
 
Fig.8 Dislocation and twinning process in G4 of the nanocrystalline Al sample under x-tension by P2. Atoms are 
colored in the same manner as Fig.4, and the fcc atoms are removed. The process of nucleation and growth of 
deformation twins is illustrated by the ‘ABCABC’ stacking sequences. 
Another twinning mechanism was observed via the continuous dislocation emission from the 
same GB. Fig.9 shows the snapshots of G6 under tension in y-direction by P10. The first set of 
leading partial dislocation with Burger’s vector b=1/6[112̅] was emitted from GB56’ at about 5.2% 
tensile strain. They slipped across the grain and were eventually absorbed by the GB36 and GB56 on 
the other side, leaving an intrinsic stacking fault across the grain. The nucleation of trailing partial 




emitted from GB56’, and they propagated on the slip plane close to the previous stacking fault plane, 
which led to the thickening of the stacking fault layer, as shown in Fig.9(b). Twinning occurred if 
the nucleated dislocations from GB56’ glided on the slip plane that adjacent to the previous one, as 
shown in Fig.9(c). The slipping of partial dislocations on the adjacent plane turned one layer of the 
intrinsic stacking fault back to the perfect fcc position and created a twinning with one atomic layer. 
The twinning process can be also illustrated by the ‘ABCABC’ stacking sequences in Fig.8. 
However, different from the former case, all the partial dislocations were nucleated from the 
identical GB and they slipped in the same direction. The GB provided an effective dislocation source 
to emit consecutive partial dislocations and produced high density of deformation twinning in the 
grain, as shown in Fig.9(d). 
 
Fig.9 Dislocation and twinning process in G6 of the nanocrystal Al sample under y-tension by P10. Atoms are 
colored in the same manner as Fig.4, and the fcc atoms are removed. 
5. Effect of interatomic potential 
We have shown in Section 4 that GB-mediated mechanisms play a dominant role in the deformation 
of nanocrystalline Al regardless of the selected interatomic potentials. These mechanisms include 
stress-driven GB migration, dislocation emission from GB, deformation twinning etc. which caused 
the initial plastic deformation and contributed to plastic flow, as well as crack nucleation at GBs 
which resulted in the intergranular fracture. Although these potentials are designed to simulate singe 
phase Al or Al alloys, it was found that the selection of potential strongly affected the simulation 
results. Table.2 summarizes the main deformation mechanisms of nanocrystalline Al sample under 
uniaxial loading by different potentials. It is found that the dislocation activities that associated with 
GBs are the most common deformation mechanisms, including the nucleation and propagation of 
partial and extended dislocations. Since all the nucleated dislocations from GBs are Shockley type 




total length of Shockley partial dislocations as a function of tensile strain with different potentials 
was plotted in Fig.10. The results can be divided into three groups. In group 1, very few dislocations 
were detected in the cases of P1, P2, P3, and P4, corresponding to the mechanisms related to the 
self-motion of GBs, such as GB migration, GB shuffling, crack growth along GB. In group 2, a 
rapid growth of dislocation length was observed at the onset of plasticity, and the dislocation length 
reached a plateau in the stable slip stage at higher strain; this is the case of P5, P6, P7 and P9 
potentials. The propagation and interaction of dislocations effectively accommodated the system 
stress during plastic deformation. In group 3, a higher density of dislocations was detected in the 
cases of P8 and P10, indicating that the nucleation of dislocations from GBs was much easier by the 
two potentials. The tensile tests along x- and y-direction show the similar results. In the follows, we 
discuss how the interatomic potentials affect the microscopic deformation mechanism of the 
simulation samples. 
Table.2 The calculated generalized stacking fault energies (GSFE) by different interatomic potentials of Al, 
including unstable stacking fault energy 𝛾𝑢𝑠𝑓, stable stacking fault 𝛾𝑠𝑓, and unstable twin fault 𝛾𝑢𝑡𝑓. The result 
from ab initio calculation based on DFT and the available experimental data (exp.) are also included for comparison. 
The deformation mechanisms of the simulated samples under uniaxial tension are indicated by the symbols. (△: 





















P1 337.1 187.6 410.8 0.56 1.22 △ △ ○ × × 
P2 305.6 149.9 370.7 0.49 1.21 × × △ × ○ 
P3 242.7 128.5 299.7 0.53 1.23 × △ × × × 
P4 242.7 128.5 299.7 0.53 1.23 × △ × × × 
P5 178.0 143.8 232.7 0.81 1.31 × × △ × × 
P6 178.0 143.8 232.7 0.81 1.31 × × △ × × 
P7 127.8 110.5 160.5 0.86 1.26 × × △ × × 
P8 103.0 53.8 126.7 0.52 1.23 ○ × △ × × 
P9 217.8 172.8 282.1 0.79 1.29 ○ × △ × × 
P10 75.9 1.2 76.5 0.02 1.01 ○ × × △ △ 










Fig.10 The length of Shockley partial dislocations as a function of tensile strain along x-direction (a) and y-direction 
(b). Group 1: P1, P2, P3, and P4 potentials; Group 2: P5, P6, P7, and P9 potentials; Group 3: P8, and P10 potentials. 
Stacking fault energy is the intrinsic property of materials and plays a critical role in determining 
the deformation behaviors of metals and their alloys [24, 25, 70, 71]. Therefore, it is instructive to 
calculate the generalized stacking fault energies (GSFE) of Al using different potentials, which is 
beneficial to understand the multiple GB-mediated mechanisms in this study. For calculating the 
GSFE by using MD, a single crystal model was created with [112̅], [111] and [11̅0] directions, 
and the model was divided into the upper and lower parts. The GSFE curve was determined by 
rigidly displacing the upper part on (111) plane along [112̅] direction while fixing the lower block 
and calculating the energy change in the whole model, as illustrated in Fig.11. In step 1, the starting 
configuration is a perfect fcc lattice with the normal stacking of the atoms. Along the path, the 
atomic system first passed through an energy barrier in step 2, which is referred to unstable stacking 
fault energy (𝛾𝑢𝑠𝑓 ). In step 3, the stable stacking fault energy (𝛾𝑠𝑓 ) has achieved when the 
displacement is about a0/√6 (a0 is the lattice constant). The configuration in step 3 is known as 
the intrinsic stacking fault. The unstable twin fault energy (𝛾𝑢𝑡𝑓) was calculated by rigidly shifting 
the block along [112̅] direction in a (111) plane which is one atom layer above the intrinsic 
stacking fault that previously formed by rigid displacement. as shown in step 4. The GSFE curves 
that obtained by MD simulations with different interatomic potentials of Al are plotted in Fig.11, 
and the calculated values of 𝛾𝑢𝑠𝑓, 𝛾𝑠𝑓 and 𝛾𝑢𝑡𝑓 are listed in Table.2. For comparison, the result 
from ab initio calculation based on density function theory (DFT) [65] and the available 
experimental data [66-69] are also included. 
By comparing the GSFE values and the deformation mechanisms, it was found that 𝛾𝑠𝑓 plays a 
significant role in determining the nucleation of trailing partial dislocation and the stacking fault 
width. As shown in Fig.7, in the case of P9 with high value of 𝛾𝑠𝑓 (172.8 mJ m
-2), the leading and 
trailing partial dislocations were nucleated from GBs almost simultaneously, resulting in a very 
narrow stacking fault between the two partials. In the case of P5 and P7 with moderate value of 𝛾𝑠𝑓 
(143.8 mJ m-2 and 110.5 mJ m-2, respectively), the nucleation of trailing partial dislocation lagged 
the leading one, and there are obvious stacking faults between the two partials in the nucleation 
stage, although the stacking fault width decreased as the propagation of the trailing partial 
dislocation. In the stable slip stage, the average stacking fault width in P7 case is larger than that in 
P5 case because of its lower stacking fault energy. Compared to the potentials characterized by the 
higher value of 𝛾𝑠𝑓, the value calculated by potential P10 is extremely small (𝛾𝑠𝑓=1.2 mJ m
-2). Such 
a low value of 𝛾𝑠𝑓 implies a stable state of the stacking faults that caused by the propagation of 




partials. When the width of stacking fault is larger than the grain size, the trailing partial dislocations 
can hardly nucleated from the GB. Therefore, we observed a large number of stacking fault 
accumulated in the grain in the plastic deformation stage in P10 case. The result is qualitatively 
consistent with previous MD simulations on fcc metals with different stacking fault energies [24, 
25], which also signifies the role of 𝛾𝑠𝑓 on the nucleation of the trailing partial dislocation. The 
lower the 𝛾𝑠𝑓 value, the more difficult to nucleate a trailing partial dislocation, and the larger the 
stacking fault width is. On the other hand, previous MD simulations on different fcc metals 
suggested that 𝛾𝑠𝑓  alone cannot capture the important physics of the nucleation of partial 
dislocations from GB, whether the trailing partial dislocation or the extended dislocation dominates 
the deformation mechanism must understood in terms of the ratio 𝛾𝑠𝑓/𝛾𝑢𝑠𝑓; this value closer to 
unity is associated with the nucleation of extended dislocation [25]. While this is true by comparing 
the result of P10 with P5, P7 and P9 cases, we found that the stacking fault width is more sensitive 
to the value of 𝛾𝑠𝑓 than 𝛾𝑠𝑓/𝛾𝑢𝑠𝑓 . For example, the value of 𝛾𝑠𝑓 is P9 >P5 >P7 >P6 by MD 
simulation, so the average stacking fault width that observed in Fig.7 is P9 <P5 <P7 <P6 in the 
stable slip stage. 
 
Fig.11 The stacking fault energy curve as a function of fractional displacement of Al using different interatomic 
potentials (P1~P10). P3 and P4, P5 and P6 show the same result. The insert atomic figures illustrate the formation 
of stacking fault and the twin fault, ① perfect fcc crystal, ② unstable stacking fault 𝛾𝑢𝑠𝑓, ③ stable stacking fault 
𝛾𝑠𝑓, and ④ unstable twin fault 𝛾𝑢𝑡𝑓. 
MD simulations have shown that the stacking fault, extended dislocation, and deformation 
twinning originated from partial dislocation from GBs. The value of 𝛾𝑢𝑠𝑓 is related to the energy 
barrier of the nucleation of extended dislocation, and the value of 𝛾𝑢𝑡𝑓 is associated with the energy 
barrier for twinning formation. It was reported that the ratio 𝛾𝑢𝑡𝑓/𝛾𝑢𝑠𝑓  could control the 
competition of the two possible mechanisms [25]. If 𝛾𝑢𝑡𝑓 is larger than 𝛾𝑢𝑠𝑓, the trailing partial 
dislocation tends to nucleate and slip on the same plane as the leading partial to generate an extend 
dislocation. On the other hand, if the ratio 𝛾𝑢𝑡𝑓/𝛾𝑢𝑠𝑓 is close to unity, the nucleation of trailing 
partial and its slip on the adjacent plane of the leading partial become easy, which led to the 
deformation twinning. It can be seen from the GSFE curves that the value of 𝛾𝑢𝑡𝑓 is overall larger 




overcome larger energy barrier than the nucleation of extended dislocation. In this study, 
deformation twins were observed occasionally in the case of P2, where twinning was caused by the 
overlapping of stacking faults that dissociated from different GBs, as shown in Fig.8. In a grain 
where limited dislocations were nucleated, this twinning mechanism can be regarded as small 
probability event. In contrast, a high density of deformation twins was observed in the case of P10. 
In this case, twinning was generated by the consecutive emission of partial dislocations from the 
same GB due to the comparable values of 𝛾𝑢𝑠𝑓 and 𝛾𝑢𝑡𝑓 (𝛾𝑢𝑡𝑓/𝛾𝑢𝑠𝑓=1.01). Since the stacking 
fault is the first step to the nucleation of deformation twins, both the values of 𝛾𝑠𝑓 and 𝛾𝑢𝑡𝑓/𝛾𝑢𝑠𝑓 
are necessary to give an accurate prediction of the deformation twinning. 
6. Conclusions and remarks 
MD simulations were carried out in this study to investigate the mechanical properties and 
deformation mechanisms of nanocrystal Al under uniaxial loading. Different interatomic potentials 
of Al (P1~P10) were examined in the simulations, and they have been proved to have a significant 
effect on the simulation result. The main findings are concluded as follows. 
(1) The stress-strain response of nanocrystal Al sample varied with the selection of interatomic 
potentials, including Young’s modulus, yield stress, yield strain and flow stress. The Young’s 
modulus of the simulation sample was predicted according to the elastic constants (C11, C12, and 
C44) of single crystal Al obtained by the experimental measurement. Although most of the potentials 
give reasonable values for Young’s modulus of the simulation sample, the results obtained from 
potential P8 and P10 are much lower than the predicted value. 
(2) In the stage of plastic deformation, different GB-mediated deformation mechanisms were 
observed depending on the potentials, including stress-induced GB migration, crack initiation and 
coalescence at GB, nucleation of partial and extended dislocation from GB, and deformation 
twinning. These deformation mechanisms contributed to the stress flow in the plastic stage or 
induced the intergranular fracture. The overall mechanical behavior of the simulation sample is a 
result of the interplay of the multiple deformation mechanisms. 
(3) The generalized stacking fault energies including the unstable stacking fault energy 𝛾𝑢𝑠𝑓, the 
stable stacking fault 𝛾𝑠𝑓 , and the unstable twin fault 𝛾𝑢𝑡𝑓 were calculated by MD simulations 
using different interatomic potentials of Al. The stacking fault values were correlated to the 
dislocation and twinning mechanisms. The simulation result shows that 𝛾𝑠𝑓 is an important factor 
affecting the nucleation of trailing partial dislocations, and the stacking fault width is more sensitive 
to the value of 𝛾𝑠𝑓  than 𝛾𝑠𝑓/𝛾𝑢𝑠𝑓 . In addition, the values of 𝛾𝑠𝑓  and 𝛾𝑢𝑡𝑓/𝛾𝑢𝑠𝑓  are both 
necessary to give an accurate prediction of the deformation twinning. Although the simulations were 
performed only for Al, the results and conclusions can be referenced to understand the properties of 
other materials by linking the material constants to the deformation mechanisms at the atomistic 
scale. 
(4) The simulation result emphasized the importance of carrying out the simulation with correct 
interatomic potential. Improper choice of potential strongly affected the simulation results and led 
to some inappropriate phenomena. For example, the potential P8 and P10 cannot correctly capture 
the properties of nanocrystalline Al in terms of the mechanical responses under loading. When the 




observed under tension at room temperature, which is not consistent with the actual situation. In 
addition, if the simulation predicts a new and surprising phenomenon that has been rarely observed 
previously in the experiment, the user should be careful to rule out any impact due to the choice of 
potential. For example, the severe coarsening of GBs and the low dislocation density at higher 
tensile strain by potential P2 is unusual in the plastic stage. A high density of deformation twins was 
observed in the simulation sample by potential P10. The abnormal mechanism is associated with 
the extremely low stacking fault energy that derived from the potential P10, which is contrary to the 
fact that Al is a material with high stacking fault energy. 
By comparing the current simulation result and the available experimental data, we found that 
the potentials of P5, P6, P7, and P9 can capture the most essential mechanical properties of the 
simulation sample. As the nucleation of extended dislocation and GB migration are both important 
deformation mechanisms which are frequently reported in the previous experiments on Al, P9 can 
best reflect the deformation characteristics of the pure Al system. However, the choice of potential 
should be reconsidered if the study is turned to mechanical testing of Al alloy systems since the 
potential P5, P6 and P7 are designed specifically for Ni-Al, Ti-Al, and Al-Pb systems. Moreover, it 
does not mean that the potentials which gave an inappropriate result in this study are not effective 
or inapplicable. For examples, while the P3 and P4 potentials are not suitable for the mechanical 
testing in the present study, they are well designed for the simulation of solid and liquid properties 
of Al and its alloys. Also, elemental potentials taken from alloy descriptions may not work well for 
the pure species if the elements were fit for alloy system instead of being optimized separately; the 
MEAM potential (P1 and P2) is one of the examples. Therefore, the users should have some idea of 
what tests have been done and which properties have been evaluated for a particular potential, and 
deliberately choose and test the proper one to carry out the simulation according to the specific 
research objects and purposes. 
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